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EFFECT OF MICROSTRUCTURE ON THE STRENGTH, TOUGHNESS,
AND STRESS-CORROSION CRACKING SUSCEPTIBILITY
OF A METASTABLE BETA TITANIUM ALLOY (Ti-11.5Mo-6Zr-k.58n)

J. A, Feeney and M. J. Blackbura

ABSTRACT

This paper describes the influence of microstructure on the mechan-
ical properties of the alloy Ti-11.5Mo=6Zr-4.5Sn. The phase trans-
formations are similar to those that occur in binary Ti-Mo alloys
containing 10¥ to 12% Mo. Thus the A-phase can be retained by
quenching from above 1400°F, The A-phase deforms in a complex manner,
including mechanical twinning, and is characterized by low strength, high
ductility, and high toughness. The w-phase, which also forms on
quenching, is stable at temperatures up to 800°F. Yield strengths of
up to 220 ksi have been measured in (4 + @) structures, the strength
level being dependent on the size and volume fraction of the w -phase.
In contrast, fracture toughness reaches a minimum value of ~ 20 keai yin.
when the w-particle size 2100 8. (A8 + &) structures show good
combinations of yield strength and fracture toughness. Unfortunately,
the best combinations are susceptible to atress-corrosion cracking in
aqueous solutions containing halide ions.

INTRODUCTION

Transition elements that tend to stabilize the highe-temperature
equilibrium body-centered cubic A-phase of titanium can be divided
into two types: (1) those forming A -isomorphous systems (e.g., Ti-Mo,
Ti=V, Ti-Nb) and (2) those forming A-eutectoid systems (e.g., Ti=Cu,
Ti-Ni, Ti-Cr).

J. A. Feeney is associated vith the Commercial Airplane Group and
M. J. Blackburn is associated with the Boeing Scientific Research
Laboratory, The Boeing Company, Seattle, Washington.



In the binary Ti-Mo syster, the products obtained on quenching
from the Gd-phase field are summarized in Fig. 1 (1-9). Also included
are the phases obtained on aging and on plastic deformation of the
retained metastable 4 -phase. It is apparent that the binary Ti-Mo
system is quite complex and that small changes in molybdenum content

may markedly change the transformation behavior.

The first metastable beta alloy to be produced in commercial
quantities, called B120 VCA, had the nominal composition Ti-13V=11Cr-3Al.
Although possessing both good room-temperature formability and good
heat-treatment response, this alloy was difficult to hot roll and
embrittled at service temperatures above 600°F, The embrittlement
was attributed to the precipitation of the intermetallic compound
TiCr, (10).

The alloy Ti-ll.5Mo-6Zr-4.5Sn, called Beta III, was specifically
designed as a ''compound free'" alloy to circumvent the embrittlement
problems experienced with B120 VCA (11,12). Molybdenum is completely
isomorphous with beta titanium at high temperatures and is a strong
beta stabilizer. Tin strengthens both the a - and 4-phases and up to
20% is soluble in both (13); thus the formation of such compounds as
TiBSn and T158n3 was considered unlikely in Beta III. Zirconium combats
the severe problem of gravity segregation experienced with adding the
high-density and highe-melting-point element molybdenum directly to the
melt. Zirconium, like tin, strengthens both the @ - and 8 -phases.

Work to date on Beta III has been mainly limited to characterizing
the alloy's formability, weldability, and engineering properties (11,12).
The purpose of the present investigation is to determine the phase
transformations that occur in this metastable teta alloy and then relate
the contribution of microstructure to the alloy's strength, toughness,
and susceptibility to stress-corrosion cracking. A previous paper (14)
has described and discussed the deformation characteristics of the
metastable B -phase in terms of slip mode, twinning mode, and stress-

induced martensite formation.

In general, the transfcrmations and properties of Beta III may be
expected to be similar tc those found in binary Ti-Mo alloys containing
~12% Yo.



MATERI AL

The Beta ITI for this study was supplied by the Crucible Steel
Corporation; the form and chemical composition of the material are
shown in Table 1., Sheet material was used to study phase trans-
formations, and plate and bar stock was used to determine mechanical
properties.

EXPERIMENTAL PROCEDURE

Tensile properties and fracture toughness values were determined on
a standard Instron machine. Tension specimens 0.25 in. in diameter in
the gage length were loaded at a constant strain rate of 0.005 in./in./min.
Fatigue precracked notched bend specimens ? by 1.5 by 0.625 in., together
with standard size precracked Charpy specimens, were loaded in three-
point bending to determine plane-strain fracture toughness KIc 3 the
data were analyzed using thg recommended ASTM procedure (15).

Similar notched bend specimens were also used to determine the sus-
ceptibility of Beta III to stress-corrosion cracking. Specimens were
deadweight loaded in cantilever bending according to the technique de-
scribed by Brown (16). The environment, 3.5% aqueous NaCl solution, was
continually dripped into the specimen notch. Stress intensity was cal-
culated from the equation given by Brown and Srawley (17) by assuming
that cantilever bending corresponds to pure bending. The results of
the stress-corrosion tests were plotted as initial applied stress in-
tensity KIi versus time to failure, and the plane-strain threshold
stress=intensity level KIscc » below which crack growth did not occur,

.was determined. Fatigue precracked single-edge-notched specimens 6 in.
long, 1 in. wide, and O.l1 in. thick were used to determine crack velocity
characteristics in 0.6 M KC1, saturated KI, and distilled water; the
experimental details are described elsewhere (18,19).

All specimens were solution treated above the beta transus, then
water quenched. Specimens solution treated 1 hr at 1500°F and at 1600°F
had grain sizes of L = 0.22 mm and L = 0.30 mm, respectively (L = mean
linear intercept). Aging was carried out in neutral salt baths or in
air-circulating furnaces with temperature control to 10°F.
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Hardness tests were performed on a standard Tukon machine, using
a 10=kg load and a 16-mm objective.

Phase identification by X-ray analysis was carried out on a Siemens
Crystalloflex IV instrument, using a copper tube, a scintillation counter,
and a pulse height analyzer to minimize fluorescent radiation.

Germanium-shadowed replicas for fractographic analysis were pre-
pared by the normal twoestep technique. Thin foils were prepared by the
standard method prescribed for titanium alloys and outlined previously (20).

RESULTS
AS-QUENCHED STRUCTURE

In most as-quenched specimens the w-phase was detected by both
electron and X-ray diffraction techniques, the maximum particle size
determined by dark-field imaging being less than 25 f. Similar
observations have been made on other titanium alloys, including
Ti-11.6Mo (2).

Binary Ti-Mo alloys containing greater than 11% Mo undergo a stress-
induced transformation when deformed (2,6,7,8,9). This transformation
results in a high degree of ductility, with over 30% elongation being
reported from tension tests conducted at room temperature (21,22).

Beta III exhibits a similar ''transformation" when deformed at low
temperatures. Some of the characteristics of this "transformation'" that
influence the ductility, fracture mode, and kinstice of precipitation
are briefly described as follows. Between =320°F and +300°F, Beta III
deforms primarily by multiple-order mechanical twinning and to a
lesser extent by slip and stress-induced orthorhombic mavtensite
formation. Figure 2a shows the morphology of firste-order twins after
2% uniform elongation. At this low strain, the twins are straight-
sided for a considerable portion of their length and are similar to
those reported by Young et al. (23) in Ti-Mn alloys. At intermediate
sirains (4% to 6% uniform elongation), the twins assume a lenticular
shape and contain several variants of internal striations, as shown in
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Trensmission electron microscopy has been used to examine the
finer details of this twinning mode. The high dislocation density
within first-order twins formed during 1% to 2% uniform elongation
is shown in Fig, 3a. Compare this with the multiple-order twins formed
after 10% uniform elongation (Fig. 3b).

AGING STUDIES
Aging Below 800°F

At aging temperatures below 800°F, progressive forma:ion of the
@ =phase is responsible for strengthening. The variation of hardness
with aging time at 700°F, 550°F, and 400OF is shown in Fig. 4. It can
be sesn that at the lower aging temperatures such as 400°F only a
small increase in hariness occurs after an initial incubation period
of 120 min. In contrast, at 700°F aging commences without an incubation
period, and a large increase in hardness occurs. The ®-phase morphology
is ellipsoidal, with a typical aspect ratio of 2.5:1. In dinary Ti-Mo
alloys, the @.phase morphology is also eilipsoidal, and particle
sizes® up to 3000 R have been reported {2). In this investigation, the
average particle sigzes observed in Beta III ranged from 25 f to 900 R'
depending upon the aging temperature. At the maximum observed hardness
levels produced on aging at 550°F and 700°F, particle sizes of 100 %
and 900 %, respectively, were developed (see Figs. 5a and 5b).

Overaging at 700°F was not associated with the initiation of the
ﬁrich W — pequil + @ + @& reaction. After aging for 1000 hr
at 7000F, the w -phase was the only precipitate present.

Typical selected-area diffraction zones used both for identifying
@ -phase and obtaining dark-field micrographs in titanium alloys and
zirconium alloys are [11o]’. (1], , [210], (2,24,25), and, by tilting
about a 110 axis, such zones as éa]‘ and [112), (26). & [110],
pattern is shown in Fig. 6a and a seconfl zone Bﬂ’ N [}‘023].. not
previously reported, is shown in Fig. 6b. Because of the superposition

. -]
*Particle s8ize referc tc the maximum dimension along the major axis
of tha ellipsoids.



of the matrix and ®-phase reflections, the [IOOL and [111], zones
cannot be used for We-phase identification; however, these zones can
be used for delineating the nucleation and growth characteristics of

@ -phase precipitation, since not all a -phase and 4-phase reflections
are superimposed.

Aging Above 850°F

The hardness versus time curves for aging at 850°F, 1000°F, and
11500F are shown in Fig. 7. The curves are classical in shape, showing
@ lower peak hardness at shorter times the higher the aging temperature.
Slight overaging is also apparent at each aging temperature. At 1150°F,
however, there is a marked increase in hardness at times over 100 hr.
This secondary hardening effect far exceeds the initial peak hardness
obtained at times between 5 min and 10 min.

At aging temperatures above 8500F, @& -phase precipitation is
responsitle for strengthening. The & -phase morphology is typically
Widmanstitten, as shown in Fig. 8, and proceeds from both transgranular
nuclea*ion sites and from side plates that emanate from the grain

boundaries.

The marked incubation period associated with aging at 850°F (see
Fig. 7) offers an area for study of &-phase nucleation. Two zones,
the [110]’ and [nlL , were followed, and the pertinent results are
shown in Figs. 9a through 9d. It can be seen that on increasing the
aging time from 5 min to 15 min, W-phase precipitation occurs. The
pronounced sireaking of the w-phase reflections shown in Fig. 9b is
characteristic of the early stages of W-phase formation (2). Compare
this pattern with that of Fig. 6a, which is typical of specimens
containing ®ephase particles > 100 R in diczeter.

As shown in Fig. 9¢, no a-phase reflections are apparen: after
aging 15 min at 850°F, However, in a few isolated areas, elonguted
arrays of dislocations, possibly interfacial dislocations, were observed
during bright-field imaging. On tilting these arrays out of contrast,
no visible signs of precipitate could be discerned; therefore, it is
possible that such dislocation arrays may be associated with spontaneous




—

transformation, as discussed below. When the aging time is increased to
2 hr, streaked & -phase reflections are apparent on the [111]‘ zone, as
shown in Fig. 9d, and the microstructure consists of well-developed

a -phase plates. Associated with these first-formed plates are inter-
facial dislocations and dislocations that apparently emanate from the

plate interfaces (see Fig. 10). Attempts to analyze the interfacial
dislocations by standard g°b = O techniques were rendered impossible
by tiie interference of spontaneous transformation, which is often
encountered in titanium alloys (2,20). A typical example of the
problem of interpretation encountered with spontaneous transformation
during contrast experiments is shown in Fig. 1l.

Aging At 800°F

In the narrow temperature zone 800°F % 10°F, the @& -phase and
@ -phase grow simultaneously; that is, the two phases coexist throughout
most of the aging cycle. Figure 12 shows the hardness versus time curves
for aging at 700°F and 850°F plotted with that for aging at 800°F. It
can be seen that the aging characteristics at 800°F are apparently a
compromise between those at the two other aging temperatures. For ex-
ample, it would be expected from classical age-hardening behavior that
if a-phase precipitation alone were controlling the aging kinetics (sce
Fig. 7), the incubation period at 800°F would be murh longer than that
at 850°F and the aging curve would not exhibit a positive slope in the
incubation period.

Thin foil transmission electron microscony has revealed that the
bimodal distribution of a-phase and w -rhase is not uniform from grain
to grain and that @ -phase is the predominant phase at any stage of the
aging cycle at 800°F. Indeed, in some grains the w=phase could not be
unambiguously identified.

The @& =phase has an ellipsoidal morphology in the early stages of
aging at 800°F that persists to times that produce peak hardness, when
the more characteristic needlelike & -phase morphology emerges. The two
@ -phase morphologies are shown in Figs. 13a and 13b.

As shown earlier (Fig. 5), the w-phase also has an ellipsoidal
morphology in Beta III; thus, during bright-field imaging it is im-
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possible to distinguish between the & - and & -phases. With dark-field
imaging, however, region A in Fig. 13¢ shows the typical particle size
and shape of the w-phase, whereas the size and contrast of the pre-
cipitates in region B suggest that some transformation to & -phase has
taken place.

Time-temperature-transformation curves that summarigze the preceding
microstructural and hardness surveys are shown in Fig. 14, together with
the T-T-T curves for the binary alloy Ti-13Mo (22,27). It should be
noted that the transformation curves for Beta III were generated from
quenched and aged specimens and not from specimens quenched directly to
an isothermal holding temperature.

Effect of Room-Temperature Prior Daformation

The influence of prior deformation on the subsequent hardening
response at aging temperatures 700°F and 1000°F is shown in Figs. 4 and
7., respectively,

At 700°F, the hardness of deformed specimens progressively increases
with aging time in a manner similar to that of undeformed specimens. At
the commencement of aging, the hardness level for deformed specimens is
much greater than for undeformed specimens, but at aging times near peak
hardness the two curves tend to merge. The aging time to attain peak
hardneas at 700°F is slightly reduced by prior deformation.

The formation of the wa-phase at 700°F is only slightly affected
by prior deformation. Figure 15a shows matrix precipitation of the w -
phase in a specimen deformed 2% and then aged at ?00°F; the deformation
twins are out of contrast in this dark-field micrograph. The w =-phase
also forms within the deformation twins, as shown in Fig. 15b. At
shorter aging times, the particle size of the w -phase is somewhat
smaller within the deformation twins than within the matrix. At aging
times that produce peak hardness, however, no significant difference in
w -phase particle size can be discerned. In addition, the & -phase

particle size is the same in both the deformed and undeformed specimens

at peak hardness. In contrast tc undeformed specimens, the B rich +
w —.’equil + @w + a reaction was observed in deformed specimens




slightly overaged at 700°F; therefore this reaction is stimulated by the
prior deformation.

As shown in Fig., 7, the hardness of specimens prior deformed at
room temperativre and aged at 1000°F does not increase with increasing
aging time. Indeed, the general trend is to a decreasing hardness, which
contrasts with the response of deformed specimens aged at 700°F. Further,
although the hardness curves for deformed and undeformed specimens aged
at 1000°F merge at the longer aging times, there is still a difference
of 35 DPN at peak hardness.

Thin foil examination showed that room-temperature prior deformation
stimulated the precipitation of the @ -phase in both the matrix and the
twins on aging at 1000°F. Both primary and secondary twin interfaces
are favored sites for @ -phase nucleation at the higher aging tempera-
tures, as may be seen in Fig. 15c.

EFFECT OF MICROSTRUCTURE ON YIELD STRENGTH AND FRACTURE TOUGHNESS

Tension specimens of Beta III in the as-quenched condition had yield
strengths of 85 ksi and exhibited uniform elongations up to 35%.

As mentioned, the as-quenched f -phase structure contained w -phase
particles € 25 R in diameter. Aging at temperatures below 800°F to
produce w-phase particles 2100 R caused tension specimens to fail in
a brittle manner without general yielding. Such failures often origi-
nated from faint machine markings in both the gage length and shoulder
radius, from extensometer location dimples, and from thread roots
located in the loading fixtures. Such brittle specimens were therefore
tested in compression and are suitably identified in both Figs. 16a and
16b."

The dramatic effect of w-phase precipitation on the yield strength
and fracture toughness of Beta III is shown in Figs. 16a and 16b for

“In certain heat-treatment conditions, the fracture toughness values
failed to comply with the ASTM validity requirements for K1o+ which
require that the specimen thickness t > 2. 5(1— 2 + where oyg =
tensile yield stress. Such specimens are identified as KIQ and are in-
cluded to show general trends.



aging temperatures 5S0°F and 700°F, respectively. As with hardness,
only - small increase in yield strength is obtained on aging at 5500F,
even after 500 hr (see Figs. 4 and 16a), at which time the & -phase has
a particle size of 100 R. There is also a corresponding decrease in
fracture toughness from 65.9 ksi yfin. to 19.4 kei yfIn. with increasing
aging time at 550°F, Yield strength increases rapidly on aging at

700°F, again in agreement with the hardness results. The maximum yield
strength of 220 ksi is associated with an average particle size of 900 L.
In contrast, fracture toughneas reaches a limiting value of ~ 20 kli‘fiiz
early in the aging cycle (Fig. 16b) and is thus apparently independent
of both particle size and yield strength when the & -phase particle size
is greater than 100 1.

A systematic study of the fracture mode of w -phase-strengthened
specimens revealed that in the highest strengthened condition, Beta III
does not show all the features of classical cleavage. Indeed, although
extremely brittle macroscopically, that is, in terms of KIc and low=
pover optical appearance, the fractographic surfaces exhibit most of
the characteristics of a micrbscopically ductile fracture mode. Similar
observations were reported by Williams et al. (28) for an ® -phase-
strengthened Ti-8Mn alloy. Figures 17a through 17d show that the frac-
ture topology of ( # + w ) structures is extremely variable. Figure 17a
indicates that such variations are sensitive to grain orientation. The
main feature of the fracture topologies is that they all contain dimples.
In FTig. 17b the dimples are very shallow and the general fracture
appearance is almost cleavagelike. In Figs. 17¢ and 17d, the dimples
are more pronounced, but additional features in Fig. 174 are the inter-
mittent tear ridges. Crack propagation was also studied in a prepolished
double cantilever beam specimen (19) and examined with an optical micro-
scope. It was observed that the crack propagated by two distinct modes,
each apparently dependent upon grain orientation. In the firat type
(Fig. 1%a), the crack is extremely straight, often propagating without
deviation across a single grain, and with little associated plastic
deformation. Ia the second type (Fig. 18b), the crack is more irregular,
branching is common, and a higher degree of plastic deformation is

observed adjacent to the fracture surfaces.
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The effect of the @& -phase precipitation on yield strength and
fracture toughness of Beta III with aging at 900°F and at 1150°F is
shown in Figs. 19a and 19b, respectively. It is apparent that the best
combination of strength and toughness is obtained by aging for 32 hr at
900°F, which results in the precipitation of a fine dispersion of &-
phase. The low fracture toughness value obtained for specimens aged
30 min at 900°F (Fig. 19a) was very reproducible. This behavior may be
explained by the large mass of the fracture toughness specimon, which
results in a slow heating and slow cooling rate through the e -phase
transformation region during the aging cycle. Hence the high volume
fraction of A-phase may be slightly embrittled by this treatment. In
contrast to the sheet material aged at 1150°F, no secondary hardening
effect, as measured by yield strength determinations, was achieved in
the plate material. Further work is in progress to account for this
discrepancy. It is possible that minor changes in chemical composition
may explain this behavior; however, it should be noted that the aging
times used for plate were somewhat shorter than those used for sheet
material.

The predominant fracture mode of @& -phase-strengthened Beta III is
by microvoid formation. No correlation can be made between dimple sige
and such factors as aging temperature, aging time at temperature, volume
fraction, or plate size of the a&-phase, since the dimple sise varies
considerably from grain to grain. A typical example of the variation
in dimple size is shown in Figs. 20a through 20d for a single specimen
aged 100 hr at 900°F,

EFFECT OF MICROSTRUCTURE ON STRESS-CORROSION
CRACKING SUSCEPTIBILITY

In agreement with work on alloys Ti-8Mn and Ti-11.6Mo (29), as-
quenched and « -phase-strengthened structures in Beta III showed no
environmental cracking in halide solutions. However, the (#+@&) micro-
structures were susceptible to stress-corrosion cracking, as shown in
Figs. 21, 22a, and 22b, the degree of susceptibility being strongly de-
pendent on the aging temperature, the environment, and the applied
potential.



In Fig. 21 the K;, versus time to failure in 3.5% NaCl solution is
shown for notched bend specimens aged at 900°F and tested under open
circuit conditions. These data give a threshold level KI-cc of
26 kei yfin.; thus the measure of susceptibility K gee’ e = 0.4, MNo
environmental failures were obtained in similar notched bend specimens
aged at 1150°F.

The crack velocity versus K data obtained under controlled potentio-
static conditions are shown in Figs. 22a and 22b for precracked single-
edge-notched specimens aged at 900°F and at 1150°F, respectively. The
halide solutions (0.6 M KC1 and 5.0 M KI) and potentiostatic conditions
used in this investigation have been demonstrated to be most severe for
Ti-8A1-1Mo-1V (18) and Ti-8Ma (29). Specimens aged at 900°F exhibited a
plateau where the crack velocity is independent of stress intensity
(Fig. 22a). Similar behavior has also been observed in aluminum alloys
and in some titanium alloys (19). In Figs. 22a and 22b, the arrows
drawn parallel to the ordinate from the first data points represent the
initiation K for environmental growth, which is equivalent to xIccc‘
It can be seen in Fig. 22a that the iodide solution promotes a higher
crack veloeity and a lower K. (or initiation K) than the chloride
solution. The K . result for the 0.6 M KC1 is also in reasonable
agreement with the threshold level determined on similarly aged notched
bend specimens in 3.5% NaCl solution with no applied potential. Figure |
22a also includes limited crack velocity data for specimens aged at
900°F and tested in distilled water and KI c/KIs - values for & -phase-
strengthened specimens aged at 700°F,

Stress-corrosion cracking data for specimens aged at 1150°F and
tested under controlled potentiostatic conditions are shown in Fig. 22b.
It can be seen, in contrast to the notched bend tests, which were cone
ducted under open circuit conditions, that a marked degree of suscepti-
bility is exhibited. However, variation of crack velocity with stress
intensity is different in the two halide solutions. In 0.6 M KC1, the
variation of crack velocity with stress intensity is similar to that
observed in the specimens aged at 900°F, that is, plateau behavior is
exhibited. However, in 5.0 M KI there is no region where crack velocity |
is independent of K. Furthermore, the initiation stress intensity in
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5.0 M KI is significantly affected by strain rate (or crosshead dis-
placement rate). Thus it is not too surprising that no environmental
influences were observed in the "static'" notched bend tests.

The fracture mode in Beta III in 3.5% NaCl, 0.6 M KCl, and 5.0 M KI
is intergranular (Fig. 23). This contrasts with other observations in
both @-phase (30) and A-phase (19,29,31) titanium alloys in which stress-
corrosion cracking in aqueous solutions has been shown to be associated
with a transgranular, cleavage mode of failure. It should also be noted
that cracking occurs discontinuously and thus the curves in Figs. 22a
and 22b represent average crack velocities.

DISCUSSION

This paper has reported in some detail the microstructural charac-
teristics and mechanical properties of the alloy Ti-11.5Mo-6Zr-4.5Sn
(Beta III). We disouss below some of the characteristics that appear
to differ from those of similar alloys, e.g., binary Ti=Mo alloys, and
attempt to relate some of the mechanical-property results to the micro-
structural observations.

PHASE TRANSFORMATIONS

Differences in transformation behavior between Beta III and binary
Ti-Mo alloys involve (1) the kinetics of formation and the stability
range of the w-phase, (2) the formation of the @& -phase from (8 +w )
structures, and (3) the aging behavior of deformed structures.

Additions of zirconium and tin have little influence on the morphol-
ogy of the Wephase, which occurs as ellipsoids in both Beta III and
binary Ti-Mo alloys, with the aspect ratio of the ellipsoids being
somevhat larger in Beta III. However, the temperature range of sta-
bility of the w=phase is reduced by zirconium and tin, as may be seen
by comparing the T=-T-T curves for Beta III and Ti-13Mo (Fig. 14). In
addition, Williams et al. (32) bave shown that the volume fraction of
the ®-phase in Beta III is less than in a comparable binary Ti-Mo alloy
aged at the same temperature. These factors make direct comparison of
particle sizes, particle growth, and hardening rates of Beta III and
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Ti-Mo alloys rather difficult. In gencral, however, the particle uv.zes
are smaller, and hardening rates are slower in Beta III; thus, like
aluminum (5), zirconium and tin additions appear to retard e -phase
formation in 4 -phase alloys.

It has been postulated that the stability and shape of the & -phase
and the formation of the & -phase from (4 +e) structures are related to
the mismatch between the # and @ structures (3,5). In systems with a
low mismatch and thus with ellipsoidal w-particle morphology, the a-
phase forms by a cellular reaction and at heterogeneous nucleation sites
not associated with the @-phase. In systems with a higher mismatch, in
which the & -phase forms as cuboids (e.g., Ti-V), the @& -phase forms at
or near the e=-phase particle and grows by consuming the e-phase. In
Beta I1I, formation of the 8 -phase may thus be expected to ocour heteroe
geneously. However, the morphology of & =phase after aging at 800°F
indicates that the & -phase may form at & -phase particles, as shown at
B in Fig. 13¢c, 80 that its formation is more analogous to that in T.V
than in Ti-Mo alloys. It should be noted, however, that during aging
at 800°F the a-phase and & =phase coexist for long periods and thus the
@ =phase is not forming from a simple two-phase (§+w) structure, which
may account for this discrepancy. At no stage in the aging of the (§ +w)
structures was a cellular reaction observed in Beta III. This may
be due to the lower temperature range of stability of the e-phase, since,
in general, cellular growth ococurs in binary alloys at higher aging
temperatures (2,33).

It is not yet possible to determine whether the effect of prior
deformation on the aging characteristics of (4+ @) structures in Beta III
is similar to that in Ti-Mo alloys. In binary alloys, prior deformation
has been shown to stimulate the nucleation of the & -phase. However, in
Beta I1II, dislocations and twin interfaces do not act as nucleation
sites for @ -phase formation in the initial stages of aging. This can
be seen by comparing Figs. 3a and 15b. Prior deformation does, however,
influence the formation of the @=phase. In the initial stages of aging,
particles formed within the twins are smaller than those formed in
the matrix, which is probably due to the complete or partial destruction
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of the w -phase by twinning. Thus, renucleation is required in these
regions before growth of the @ -phase can occur. The size difference
tends to disappear as the aging times are increased. At longer aging
times at 700°F, i.e., times longer than 250 hr, @ -phase plates are ob-
served adjacent to but not necessarily emanating from twin interfaces.
Since deformation twins shrink laterally on removal of the applied
stress, it is likely that the highly dislocated,detwinned region stimu-
lates a-phase precipitation. As stated earlier, it is difficult to
compare the aging kinetics of Beta III and binary Ti-Mo alloys. For
example, aging times of only 14 hr were required to nucleate the a-
phase in deformed samples of a Ti-11.6Mo alloy at 750°F (2). The reason
for the longer aging times required for Beta III is thus not clear. It
is of interest to note, however, that in Ti=11.6Mo (2,21) and Beta III
the & =phase is observed in the region of overaging.

MECHANICAL PROPERTIES

It has been shown that the yield strength (and hardness) of Beta III
is strongly dependent upon the phase structure. Presently no quantita=-
tive analysis of this strength dependence can be given, so the factors
discussed below are qualitative and in manycases rather nebulous. The
quenched solid solution is very ductile and exhibits mechanical properties
similar to those of low interstitial titanium. Such properties are ex-
hibited by several alloys that undergo either martensitic transformations
or twinning under the influence of stress (22,23). Aging Beta III to
produce the w -phase results in large increases in strength, which are
unfortunately accompanied by drastic reductions in toughness. The aging
response at 700°F, which shows that overaging occurs in fully (8 + @)
structures, indicates that the size, spacing, and volume fraction of the
@ -phase influence the flow propertie;. The maximum strength of 220 ksi
is associated with an average particle size of 900 R. In a recent re- _
view of w-phase formation, Hickman (5) indicated that the mechanism of
hardening and embrittlement is not understood. Unfortunately, the
present investigation has not provided any great insight into this me-
chanism, but consideration of the following voints may be worthwhile.

1. The nature of dislocation-particle interaction is unknown, i.e.,
whether particles are sheared or bynassed by dislocations. Electron
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sicroscopy analysis Las not proved capable of answering the ques-
tion, and optical examination of slip lines in deformed or fractured
specimens yields ambiguous results. In some cases long, straight
slip lines are observed, as at A in Fig. 18¢, but in others a wavy
and branched slip morphology is found, as at B in Fig. 18c. However,
in most cases the slip line heights are large, indicating that strain
is concentrated in rather narrow regions.

The mechanical properties of the « -phase are not known, although
single w ~-phase structures have been produced by hydrostatic pressure.
The quantitative analyses of hardening developed for conventional
precipitation-hardening systems are probably not applicable, since
the volume fraction of the w-phase is usually 2 0.5. '
There may be an analogy between the hardening processes in ( # + w )
structures and those in spinodally decomposed alloys. Carpenter

(33) has observed rather similar changes in mechanical properties

in the Au-Pt system. Although the yield strength is increased in
that system, the workehardening rate and the strain to failure show
the most dramatic changgs: in the model of work hardening developed
for spinodally decomposed alloys, the stress increase due to work
hardening is inversely proportional to the sine of the wavelength

of the composition fluctuations. If applicable, such a model would
predict that overaging would be observed in ( # + w ) structures,
especially if measured by a hardness test that measaures both the
yield strength and work-hardening properties of a material.

Work is in progress to evaluate in more detail the effect of & =phase

formation on flow stress and work-hardening characteristics of titanium

alloys.

The ( 8 + @ ) structures show intermediate yield strengths, ductil-

ity, and fracture toughness. The effects of the & -phase precipitation
on yield strength and fracture toughness (Figs. 19a and 19b) indicate
that these properties are influenced by the size, spacing, and volume
fraction of the a=-phase. It would be expected that the a-phase would
be relatively soft, since it contains 1little molybdenum; thus the compo-

sition of the A-phase probably exerts a strong influence on the yield

.
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strength characteristics. In binary Ti-Mo alloys, the flow strength of
the A-phase increases by = 70% between 12%¥ and 24¥%¥ Mo. In these and
many titanium alloys, the precipitated phase is softer than the matrix
(when considered separately), and strengthening in such systems is not
well understood.

FRACTURE TOUGHNESS AND FRACTURE

Beta III ir all heat treatments exhibits fracture topologies con-
taining dimples, features that are generally assumed to result from a
fracture process involving the formation and growth of voids. Fracture
of the (A + @ ) and A-phase (quenched) structures probably occurs by
such a mechanism and the average dimple size is roughly related to
fracture toughness., 1In géneul. the higher the fracture toughness the
larger the dimple size, but quantitative correlations are impossible,
as indicated by Fig. 20.

The most interesting fractures observed are those found in ( § +
@ ) structures. Fracture toughness results for specimens aged at 700°
and 550°F r'ow that KIc is independent of w-particle size when this
exceeds ~ 100 &, Macroscopically, fracture of these ( # + @ ) structures
resembles cleavage-type ‘“ailures observed in other bec systems. However,
replicated surfaces exhibit small dimples, which are normally character-
istic of a more ductile fracture mode. Similar observations have been
made on Ti-Mo and Ti-Mn alloys (28). Tigures 18a and 18b show that two
types of fracture are observed macroscopically=estraight and relatively
flat cleavagelike cracks associated with little or no observable plastic
flow (18a), and branched and serrated cracks associated with a higher
plastic strain (18b). Limited single crystal analysis has shown that
cracks in these structures run parallel to the {100}‘ planes but with
some deviation, so that in many ways the fracture surface resembles a
conchoidal fracture. The single crystal results also indicate that the
fine dimpled topography shown in Fig. 17c¢ can be correlated with the flat
cleavagelike cracks shown in Fig. 18a, whervas the intermittent tear
ridges shown in Fig. 17d are probably associated with the irregular
crack morphology shown in Fig. 18b. Thus, there would seem to be two
vossible explanations of the fracture topology of ( # + w ) structures.
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First, the dimples represent small microvoids, which implies that a
strain=controlled failure occurs. The obvious sites for microvoids
formation are the # :w interfaces, which in turn implies that the w-
phase acts as a hard, impenetrable barrier. Unfortunately, there appears
to be no correlatian of dimple size with w-particle size. Second, the
fracture could be similar to the failure mode observed in some plastics,
e.g., polymethyl methacrylate (34). In this case, the dimples would
represent the intersection of the primary crack with microcracks formed
in advance of the primary crack front. The tear-ridged structure

would then represent the momentary arrest lines or striae observed in

fractured polymers.
STRESS-CORROSION CRACKING

Ti=7A1=2Cb=1Ta was the first titanium alloy shown to be susceptible
to stress-corrosion cracking (SCC) in neutral aqueous solutions (16).
Subsequently, it has been found that many titanium alloys exhibit SCC
susceptibility in a variety of environments. When added to titanium
alloys, molybdenum is considered to reduce SCC susceptibility and tests
on binary Ti-Mo alloys have shown that the quenched ( # ), slow cooled
(coarse @ + # ), and quenched and aged ( # + @) structures are immune
to SCC. Thus the observation that Beta III is susceptible to SCC came
as a surprise. Much further work is needed to establish the influence
of all possible parameters on the SCC susceptibility of Beta III, but
some of the characteristics of SCC in this and other Ti alloys are listed

below.

1. Cracking is predominantly intergranular in Beta III, whereas it is
predominantly transgranular in all other Ti alloys thus far tested
in aqueous solutions.

2. Cracking is obviously discontinuous in Beta III; this may also be
true of the transgranular SCC in other Ti alloys, but is not ob-
viously so.

2., The halide ions C1°, Br®, and I” accelerate intergranular eracking
in Beta III with respect to that observed in distilled water; they
also accelerate transgranular cracking in other Ti alloys.



The effect of heat treatment on SCC susceptibility has not been
studied in detail, but it appears that higher aging temperatures result
in less susceptible conditions, e.g., compare the results for aging at
900°F and at 1150°F, Figs. 22a and 22b, respectively. By changing the
aging temperature, two microstructural factors are changed—=the volume
fraction and dispersion of the & -phase and the composition of the f§ -
phase. In similar structures in Ti-8Mn, it has been shown that the
B -phase composition is the critical factor (19). To gain some insight
into the controlling microstructural feature, specimens of a Ti-11.6Mo
alloy were aged at 900°F to produce similar ( # + & ) microstructures.
These were then tested in 5.0 M KI at O mV and it was found that some
intergranular separation ocourred. However, the extent of the SCC was
limited and the load level for crack propagation was near the fracture
~load in air. Thus it is concluded that binary Ti-Mo alloys are much less
susceptible than Beta III to SCC. It is possible that the additions of
tin and girconium result in the higher degree of SCC susceptibility in
Beta III. Further, it is possible that the & -phase is responsible for
tle susceptibility==this phase occurs as an almost continuous grain
boundary film after heat treatment at 900°F., Thus it may be postulated
that this film of a-phase, enriched in girconium and/or tin, renders
the alloy susceptible to SCC in halide-containing solutions.

PRACTICAL NOTE

The excellent formability of Beta III in the solution-treated or
solution=-treated-and-aged condition has resulted in its wide use for
aerospace fastener applications (12). In comparison with Ti=-6A1-4V,

Beta III exhibits good Gold headability so that rivets of this material
can be installed by conventional gun-driven techniques with the tooling
normally employed for aluminum fasteners. Care must be taken, however,
in selacting the heat treatment for the fastener, since the precipitation
of the & -phase would cause severe degradation of fracture toughness
over long exposure times. It is fortunate that the aging treatment which
produces the best combination of cold headability and shear strength in
the solution-treated-and-aged condition (e.g., 1100°F for 8 hr) also re-
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sults in a greater resistance to SCC. However, if lower aging tempera-
tures are used to produce greater strengths, care should be taken that
the camponents do not come in contact with halide-containing solutioms.

CONCLUSIONS

1. The phase transformations that occur in Beta III are similar to those
that occur in binary Ti-Mo alloys with approximately the same molybe
denum content. Some differences in transformation behavior are obe
served, however, such as the temperature range of stability of the
W ~-phase and the aging characteristics of deformed material.

2. In the temperature range -320° to +300°F, the primary deformation
mode of Beta III is by mechanical twinning; to a lesser extent,
deformation occurs by slip and stress-induced orthorhombic martensite

formation.

3. At room temperature, as-quenched structures have a low yield stress,
a high ductility, and a high toughness.

b, (B + w) structures are hard and brittle. At aging temperatures
approaching the upper limit of stability of the & -phase (e.g.,
700°F), hardness and yield strength progressively increase with in-
creasing aging time (and increasing particle size of the w-phase)
to maximums of 475 DPN and 220 ksi, respectively. The fracture
toughness of ( # + @) structures, however, reaches a minimum value
of 22 kel yin. when the particle size of the w-phase exceeds 100 R.
irrespective of aging temperature, aging time, or yield strength.

5. The cracking plane of ( # + @ ) structures is near {100}" and the
fracture mode macroscopically resembles cleavage. Microscopically,
however, the dimpled fracture topogravhy is more characteristic of

a ductile mode of failure.

6. ( @+ &) structures show good combinations of yield strength and
fracture toughness. Unfortunately, the best combinations also ex-

Fibit the renter s sopcentibility to s4ress-corrosion cracking in
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aqueous solutions containing C1= and I” ions. Higher aging tempera~
tures result in less susceptible conditions in terms of crack veloc-

ity or KIacc/KIc ratio.

7. In contrast to the stress-corrosion cracking in other titanium alloys,
the fracture mode of a@-phase-strengthened Ti-11.5Mo=-6Zr-4.5Sn in
aqueous solutions is intergranular.

8. As-quenched and ( # + w ) structures are immune to stress-corrosion
cracking.
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